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GRAPHICAL ABSTRACT 
 
Process influences on the structure, piezoelectric and gas-barrier properties of PVDF-TrFE 
(81-19 mol%) copolymer 
 
Fabiane Oliveira, Yves Leterrier, Jan-Anders Månson, Olha Sereda, Antonia Neels, Alex 
Dommann, Dragan Damjanovic 
 
A 10-fold decrease of O2 permeability of polyvinylidene fluoride trifluoroethylene copolymer 
films occurs upon annealing between the Curie temperature and the melting point of the 
polymer. Annealing moreover increases the piezoelectric coefficient of the films. These 
changes are controlled by a crystalline phase transition, from the paraelectric ?-phase to the 
ferroelectric ?-phase. These combined gas barrier and piezoelectric properties are key to 
increase the sensitivity of piezoelectric gas-barrier liners for high-pressure storage vessels. 
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ABSTRACT 
 
The influence of annealing between the Curie transition and the melting point of solvent cast 
polyvinylidene fluoride trifluoroethylene copolymer films on the crystalline structure, 
mechanical and electrical properties and oxygen permeability is investigated. Annealing leads 
to remarkable changes in the structure and properties of the copolymer, within the first four 
hours of treatment, and with kinetics depending on the temperature. The crystallinity 
increases by 19% (relative), resulting in a 10 K increase in the Curie transition, a 4 K increase 
of the melting temperature and a 2 K decrease in the glass transition temperature. A 
crystalline phase transition from the paraelectric ?-phase to the ferroelectric ?-phase is also 
evidenced using in-situ X-ray diffraction. The elastic modulus is found to increase by more 
than three-fold at room temperature and the loss peak at the glass transition is considerably 
reduced. The piezoelectric coefficient is found to increase by 40% and the dielectric 
properties are significantly changed. The most remarkable influence is the ten-fold reduction 
of the oxygen permeability, with a drastic reduction of the activation energy for oxygen 
transport. The improvement in oxygen barrier properties of the annealed copolymer is 
attributed to the restricted mobility of oxygen molecules in the semicrystalline polymer with 
nanometer sized crystallites. 
 
Key-words: PVDF-TrFE, annealing, crystallinity, piezoelectric properties, oxygen 
permeability. 
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INTRODUCTION 
 
The piezoelectric properties and related crystalline conformations of polyvinylidene fluoride 
(PVDF) based materials are well-documented in the literature.1 Among the different PVDF 
polymorphisms (?, ?, ?, ?, and ?) the polar all-trans, ferroelectric ?-phase (orthorhombic 
conformation) is responsible for the greatest piezo activity in these materials.2 The conversion 
to and/or enhancement of the ?-phase have been investigated by different approaches that 
include uniaxial or biaxial stretching,3-6 poling processes,7 annealing or combined processing 
techniques8-11 as detailed in a recent review article.12 
 
The introduction of trifluoroethylene (TrFE) co-monomer into VDF leads the copolymer to 
crystallize directly into the ?-phase without requiring mechanical processing before poling 
usually applied to PVDF.13-15 The proportion of TrFE determines the crystalline structures 
whilst the VDF content controls the stability of the electric structure.16 At molar 
concentrations of TrFE above 11%, the defects introduced by the presence of bulky fluorine 
prevent the formation of the trans-gauche, paraelectric ?-phase (hexagonal conformation) 
below the Curie temperature.17, 18 Besides chemical composition, post thermal-electrical 
processing also influence the crystalline morphology of PVDF-TrFE and consequently its 
piezoelectric properties.13, 14, 19-25 Specifically, annealing at temperatures above the Curie 
transition causes relaxation and reorientation of the polymer chains, and induces changes in 
crystallite sizes and inner structure of the crystal lattice26 as well as the increase of the 
crystallinity of the polymer.27-29 Piezoelectric coefficients d33 as high as -38 pC/N have been 
reported for single crystal films of PVDF-TrFE (75-25  mol%) after stretching and annealing 
in the paraelectric ?-phase.30 
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A further benefit of increased crystallinity is the reduction of the polymer gas permeability. 
Crystals are considered to be impermeable to most molecules even if imperfect31 and they 
moreover increase the tortuosity of the transport path. The permeability of semi-crystalline 
polymers to small molecules has been studied for a vast range of materials including 
fluoropolymers. The latter case was motivated by the development of fuel cells and examples 
include studies of permeability of several gases in PVDF,32 CO2 in PDVF-graphite 
composites,33 H2 and He in PVDF and sulfonated PVDF,34 O2 in PVDF-based proton-
exchange membranes,35 and H2, O2 and N2 in perfluoroalkoxy-polytetrafluoroethylene 
copolymers.36 
 
In none of these studies, however, the piezoelectric properties and the gas barrier properties of 
the polymers were analyzed simultaneously. Such combined properties would be useful for 
applications such as self-sensing liners for gas storage vessels, where the liner would provide 
a low permeability to gases while serving as a pressure sensor integrated into the vessel. The 
objective of the present work was thus to investigate the influence of annealing on the 
piezoelectric and oxygen permeation properties of PVDF-TrFE and correlate the experimental 
results to the thermally induced changes in the crystalline structure of the polymer. 
 
EXPERIMENTAL SECTION 
 
Materials and processing 
 
PVDF-TrFE copolymer with 81 mol% of VDF used in this study was supplied by Solvay in 
powder form. Solvent cast films were prepared by dissolution of PVDF-TrFE in methyl ethyl 
ketone (Acros Organics, > 99%) at 60°C during 2 h. The solution was poured into 14 cm 
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diameter petri dishes and placed at 70°C overnight in low vacuum to let the solvent evaporate. 
The total solvent evaporation was gravimetrically confirmed. Transparent films with 
thicknesses around 19-22 µm were divided into 30 x 30 mm2 samples, which were 
subsequently annealed at 120°C, 130°C and 140°C for 2, 4, 8, 16, 24 and 48 h prior to testing.  
 
Characterization methods 
 
X-ray diffraction experiments were carried out in transmission mode on a STOE 
Transmission X-ray Powder Diffraction System (STADIP) using CuK?1 radiation (Ge(111) 
monochromator) and a linear Position Sensitive Detector (PSD). The data were collected 
using film samples placed between two acetate foils in the 2? range of 4 to 90° (step size 0.1, 
30 s per step). The average crystallite size L in the samples was estimated using the Scherrer 
equation: 
  (1) 
 
where K is a shape factor taken equal to 0.9, ? is the wavelength and  is the line 
broadening at full width at half maximum (FWHM). For the as-cast samples the FWHM 
could not be measured due to the overlap of the ?-phase and ?-phase peaks. For the annealed 
samples the 200 and 110 reflections of the ?-phase were used. The contribution of the FWHM 
from the instrument was also taken into account, using Si. The relative fraction of ? 
crystalline phase F(?) was estimated from XRD patterns. 
 
In-situ high temperature XRD studies of the solvent cast PVDF-TrFE films were also 
performed in order to investigate the dynamics of the transition from the paraelectric ?-phase 
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to the ferroelectric ?-phase. A PANalytical X’Pert PRO MPD diffractometer equipped with a 
high temperature chamber (HTK 16MSW) was used. Measurements were carried out with a 
CuK? radiation under a ?/2? configuration in a range from 10° to 30° in 2? (corresponds to 
the region of the strongest reflections). The sample was heated on a Ta strip up to 130°C 
under vacuum. XRD patterns were acquired at selected temperatures during the heating, 
isothermal and cooling steps. 
 
Differential scanning calorimetry (DSC) tests were performed on a TA Instrument DSC Q100 
under nitrogen environment. The instrument temperature and heat flow were calibrated 
monthly using an indium reference. Samples with a weight between 6 and 10 mg placed in an 
aluminum pan were cooled to -50°C at 10 K min-1 and held at this temperature for 3 min 
before heating to 160°C at the same rate.  
 
Dynamic mechanical analysis (DMA) was performed on a TA Instrument DMA Q800, under 
tensile mode. The applied strain amplitude was set to 0.001, the preload force was 0.1 N and 
the frequency was 1 Hz. Rectangular samples of gage length 12.5 mm and width 5 mm were 
cooled to -50°C at 10 K min-1 and held at this temperature for 3 min before heating to 155°C 
at 3 K min-1.  
 
Thermogravimetric analysis (TGA) was performed on a Mettler Toledo TGA/SDTA 851, 
using alumina crucibles of 150 µL. Each sample weighed around 10 mg and was heated from 
25°C to 800°C at 10 K min-1 under a flow of nitrogen at 50 ml min-1. 
 
The direct piezoelectric coefficient, d33, (i.e., charge or strain coefficient in the thickness 
direction) was measured on 1 cm diameter circular samples, using a homemade Berlincourt-
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type d33 meter. The sample thickness was measured prior to testing with an accuracy of 1 ?m. 
One layer of chromium followed by a gold layer were deposited on each side of the films by 
sputtering using an EMS 575X machine (Electron Microscopy Sciences, Hatfield, PA, USA). 
The coated film samples were poled at 110°C for 30 min under an electric field of  
750 kV cm-1 and cooled to room temperature for another 30 min under the same field. The 
choice of the optimum polarization field to maximize d33 without increasing the current 
leakage of PVDF-TrFE films was obtained by applying a series of electric fields during 
various poling tests. In fact the increase in d33 is controlled by the reorientation of the ?-phase 
dipoles, which is highly dependent of the polarization process. Special care was exercised to 
achieve uniform electrode sputtering, temperature and electric field. It was observed that 
fields higher than 750 kV cm-1 led to a breakdown of the samples. After being poled, the 
piezoelectric coefficient of each film was measured every 30 min during 2 to 3 h, to detect 
ageing effects. 
 
The oxygen permeance (or oxygen transmission rate, OTR) of the polymer was measured on 
samples cut from the solvent cast films using an Oxygen Permeation Analyser-Systech 
Instrument Model 8001 with sensitivity equal to 0.008 cm3/m2/day/bar. The area of the 
samples was 5 cm2 and the activation energy for oxygen transport was derived from OTR 
tests carried out at 10, 20, 30, 40 and 50°C, under 0% of relative humidity and 1 bar of 
oxygen pressure. Two samples were measured simultaneously using the two chambers of the 
instrument. The oxygen permeability, P, was calculated using:  
 
  (2) 
 
where t represents the thickness of the sample. 
P = t ?OTR
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MICROSTRUCTURAL ANALYSIS 
 
Analysis of crystalline phases 
 
DSC thermograms measured during the heating runs of PVDF-TrFE films annealed at 
different temperatures and times are reproduced in Figure 1. Additional annealing during the 
DSC experiment itself was considered to be negligible since the time spend in the 120°C-
150°C range was only 3 min (heating rate of 10 K min-1). Two endothermic peaks were 
detected for all investigated films. The first event, around 120°C corresponds to the 
ferroelectric to paraelectric transition (Curie temperature, TC)14, 37 partially overlapped with an 
exothermic peak. This exothermic event corresponds to a crystallization process typical of 
solvent cast PVDF-TrFE,27 controlled by the solvent evaporation rate and resulting biphase 
crystalline structure.10 The second event near 150°C is related to the melting of the crystalline 
phase (Tm).  
 
 
Figure 1. DSC thermograms of PVDF-TrFE films as-cast and annealed at 120°C, 130°C and 
140°C for different times as indicated. 
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A significant change of the ferroelectric to paraelectric transition occurred upon annealing, 
with the disappearance of the exothermic peak and the development of a broad transition peak 
in the temperature range of 120-130°C for all investigated conditions. In contrast, the melting 
temperature of the copolymer did not change significantly upon annealing. 
 
Figure 2 shows X-ray diffractograms at room temperature of the PVDF-TrFE copolymer 
films before and after annealing at different times and temperatures. For the as-cast film a 
sharp diffraction peak of the (200) and (110) planes at 2? ? 19.9° attributed to the ?-phase and 
a shoulder peak at 2? = 17.1° - 18.4° relative to the non-polar ?-phase were evident.13 Two 
others peaks at 2? = 35° and 2? ? 41° attributed to the (001) and (201) diffraction plans of the 
? polymorph were present, and which were consistent with previously reported results for 
PVDF-TrFE with other molar compositions.13, 22, 38 When the samples were annealed at 
TC < T < Tm the rapid (less than 2 h) decay of the ?-peak and development of the polar ?-
phase was evident. The dynamics of this crystalline phase transition is further detailed in the 
Section 3.2. 
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Figure 2. X-ray diffraction patterns (transmission mode) of PVDF-TrFE films as-cast and 
annealed at 120°C, 130°C and 140°C for different times as indicated. 
 
Figures 3 and 4 regroup the salient calorimetry and XRD data as a function of annealing time. 
The glass transition temperature determined using dynamic mechanical analysis (Section 3.3) 
is also shown in Figure 3. The TC behavior was found to be comparable for all investigated 
annealing temperatures, with a rapid increase from 119°C to approximately 127°C after 2 h, 
and no further large changes for longer times. A careful look reveals a slight influence of the 
annealing temperature after the initial 2 h increase. Annealing at 120°C for 16 h further 
increased TC to 128°C. In contrast, TC decreased to 126°C after annealing at 130°C for 16 h, 
and to 125°C after annealing at 140°C for 16 h. A similar behavior has been reported by 
Barique and Ohigashi,22 and was explained in terms of changes in the Gibbs free energies in 
the orthorhombic ?-phase and hexagonal ?-phase during annealing. 
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Figure 3. Melting temperature (Tm), Curie transition temperature (TC) and glass transition 
temperature (Tg) of solvent cast PVDF-TrFE films as a function of annealing time at 120°C, 
130°C and 140°C. 
 
 
Figure 4. Melting enthalpy (?Hm) of solvent cast PVDF-TrFE films as a function of annealing 
time at 120°C, 130°C and 140°C and relative fraction of crystalline ?-phase, F(?), as a 
function of annealing time at 130°C. The inset shows ?Hm vs. annealing time in logarithmic 
scale. 
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The melting point, Tm, of the as-cast film was 147°C. It remained unchanged upon annealing 
at 120°C, i.e. at a temperature close to the original TC of the as-cast film, whereas the melting 
enthalpy (hence, the crystallinity) first dropped by 12% (from 27.1 J/g to 23.9 J/g), and then 
increased to 29.6 J/g after 16 h (when TC had become higher than 120°C). Annealing below 
TC favors the removal of gauche defects introduced into chain molecules of the ferroelectric 
phase although this effect is restricted by the low mobility of molecular chains in this 
temperature region.22, 28 Upon annealing at 130°C and 140°C (i.e. in the hexagonal phase), Tm 
shifted slightly toward higher temperatures, reaching 151°C after 48 h annealing at 130°C, or 
after 16 h annealing at 140°C. The melting enthalpy of the films annealed at these two 
temperatures above the TC increased logarithmically with annealing time, up to 32.2 J/g (a 
19% increase from the as-cast film). The corresponding increase of crystallinity was 
attributed to the increase in crystallite size along the molecular chain direction and to changes 
in the inner structure of the crystal lattice.26 The relative fraction of polar ?-phase in the as-
cast film was 75%. It increased to 93% after 2 h and to 94% after 48 h of annealing at 130°C 
(the relative fraction of ?-phase thus decreased from 25% to 6%). Almost all trans-gauche 
conformation sequences from ?-phase were replaced by all-trans sequences from ?-phase.39 
These large structural changes (simultaneous increase of crystallinity and of the proportion of 
orthorhombic phase) reveal the considerable decrease in the number of gauche defects in the 
orthorhombic phase, which took place upon annealing.  
 
In-situ high temperature XRD analysis 
 
In order to clarify the dynamics of the transformation of the hexagonal ?-phase into the 
orthorhombic ?-phase, which occurred upon annealing at TC < T < Tm, two different in-situ 
XRD experiments were performed, using two temperature profiles. In the first experiment, the 
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sample was heated from room temperature to 75°C in one step, and then stepwise from 75°C 
to 125°C with 10 K steps. After each step, the temperature was maintained for 5 min followed 
by the XRD measurement. The sample was subsequently heated to 130°C and diffraction 
patterns were collected for 2 h, followed by rapid cooling back to room temperature. In the 
second experiment the diffractograms were recorded during both heating and cooling at 
following temperatures: 25°C, 80°C, 100°C, 115°C, 120°C, 125°C and 130°C (maintained for 
5 min at each step). Figure 5 shows the diffractograms in 2D (10° < 2? < 30°) and in the form 
of 3D-isolines. The diffraction pattern at room temperature shows the presence of the two 
phases, a clear peak at 19.9° (in 2?) of ?-phase and a shoulder at 17.8° (in 2?) of ?-phase. 
Phase coexistence and thermal hysteresis were evident as the sample was gradually heated 
and then cooled down through the phase transition. In the first experiment, a shoulder rose 
upon heating and became a well-resolved second peak at a temperature of about 100°C. The 
paraelectric phase peak continued to grow at the expense of the ferroelectric ?-phase peak 
until the latter disappeared at a temperature of 115°C, leaving only the paraelectric phase 
peak. Rapid cooling to room temperature (rate of approximately 35 K min-1) reversed this 
phase conversion process, and at room temperature the paraelectric ?-phase was almost 
entirely transformed into the ferroelectric ?-phase. In the second experiment, a similar 
behavior was observed during the heating step. Upon slow cooling from 130°C (average rate 
of approximately 3 K min-1), only the paraelectric phase peak was evident down to 80°C. 
Upon further cooling to 25°C, the paraelectric ?-phase transformed into the ferroelectric ?-
phase. This phase transformation follows the behavior of a first-order phase transition,40 
which is highly dependent on the rate of heating and cooling. In the present case, the phase 
change upon cooling proceeded very rapidly even if the film was cooled very slowly, owing 
to large difference in the free energy between the hexagonal phase and orthorhombic phase at 
TC.22 This is a key result to further optimize the process cycles and achieve a very high 
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proportion of ?-phase. The proportion of ?-phase thus exhibited a hysteretic behavior upon 
thermal cycling as sketched in Figure 5. This behavior was evidenced for other PVDF-TrFE 
compositions,41 and is reflected by hysteresis of viscoelastic properties42 and microhardness.43 
 
 
Figure 5. (A) 2D views of the diffractogram during heating and cooling of the solvent cast 
PVDF-TrFE film (1st experiment: cooling at 35 K min-1 on top, and 2nd experiment: cooling at 
3 K min-1 on bottom), (B) 3D isolines-view of the X-ray patterns obtained during heating and 
cooling of the solvent cast PVDF-TrFE film, (C) sketch of the hysteresis in the thermally-
induced transformation of hexagonal ?-phase into orthorhombic ?-phase. 
 
Dynamic mechanical analysis 
 
The influence of annealing at 130°C on the temperature dependence of the storage modulus 
(E’) and the ratio of loss modulus to storage modulus (tan ?) of the copolymer is shown in 
Figure 6. At temperatures below -40°C the storage modulus of both solvent cast and annealed 
films was similar. Around -40°C the modulus of as-cast PVDF-TrFE film dropped abruptly 
corresponding to the glass transition. The associated peak in tan ? at -29°C is a characteristic 
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of the segmental motions of the amorphous regions (?-relaxation7, 44 or Tg1 transition-
relaxation45). With increasing temperature, E’ continued decreasing smoothly while three 
relaxation processes were observed in the form of broad peaks around 21°C, 57°C and 98°C. 
Similar events were also detected in another for another PVDF-TrFE copolymer (77-
23 mol%).46 These processes include molecular mobility within the crystalline ferroelectric 
structure (?-relaxation7) and other relaxation processes associated with the motions of 
crystalline defects and lamellar surfaces.44 At 120°C the modulus started to increase and a 
peak in tan ? appeared at 126°C. This effect resulted from the complex phase transformations 
identified in the in-situ XRD experiments, which also took place during the DMA 
experiments since the heating rate was rather low (3 K min-1). The modulus eventually 
decreased again before the melting point, when the experiment was stopped.  
 
 
Figure 6. Storage modulus and tan ? of solvent cast PVDF-TrFE films annealed at 130°C 
and at different times as indicated. The inset shows the storage modulus at 30°C for different 
annealing times.  
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It is evident that annealing had a considerable impact on the modulus of the copolymer, with a 
large reduction of the drop at the glass transition, a much less pronounced decrease with 
temperature, and almost no detectable effect around the Curie transition. The ?-relaxation was 
much less pronounced, a result of the increase in crystallinity,45 and the additional relaxations 
above 0°C could hardly be detected. In contrast the tan ? peak at the Curie transition was as 
strong as for the as-cast copolymer. As shown in the inset in the figure, annealing during few 
hours at 130°C was enough to increase the storage modulus at 30°C more than three-fold. At 
higher temperatures up to 120°C (data not shown in the inset) the increase was by more than 
an order of magnitude. Such a huge increase, and the quasi disappearance of the secondary 
relaxation processes reflect the formation of more perfect crystalline structures upon 
annealing, rather than the 19% increase in crystallinity shown in Figure 3 (see e.g. the review 
of Grubb).47  
 
The Tg and TC extracted from the tan ? curves of Figure 6 are reported in Figure 2. The Tg 
increased by 2 K up to 4 h of annealing, and then dropped by 1 K for longer annealing times. 
The moderate increase in Tg for short annealing times was also observed by Dalle Vacche et 
al.46 The changes of TC upon annealing mimicked the calorimetry data, with a difference of 
approximately 5 K between the two types of measurements. Such a difference could be 
expected since the molecular scales relevant for viscoelasticity and heat capacity are also 
different,48 besides using different heating rates.49 
 
ELECTRICAL PROPERTIES 
 
Piezoelectric coefficient 
 
The influence of annealing at 130°C on the piezoelectric response of PVDF-TrFE films is 
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depicted in Figure 7. The piezoelectric coefficient d33 of the as-cast copolymer was equal to 
13 pC/N, and increased to 18 pC/N after 4 h of annealing, after which time it leveled off to a 
value of 17±1 pC/N. The increase of d33 values of annealed films correlated with the increase 
in the proportion of ?-phase. Interestingly, no significant aging was detected when d33 was 
measured as a function of time (see inset in the figure), as was found in a previous work.50 
 
 
Figure 7. Piezoelectric coefficient d33 of solvent cast PVDF-TrFE films as a function of 
annealing time at 130°C. The inset shows the coefficient d33 of the copolymer, as-cast (open 
symbols) and annealed 4 h at 130°C (black symbols), during aging at room temperature. 
 
Relative permittivity  
 
The relative permittivity and losses as function of frequency of PVDF-TrFE films, before and 
after different annealing steps and before and after poling are shown in Figure 8. The decrease 
of permittivity and increase of loss as frequency increased toward 1 MHz indicated a 
relaxation process usually attributed to the ?-relaxation process and associated with the glass 
transition.51 The anomaly in loss of poled samples at ~100 kHz (also visible in permittivity for 
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samples annealed at 2 h and 4 h) was due to a piezoelectric resonance. We did not see an 
increase in loss at low frequencies that is attributed to ionic conductivity,51 suggesting that our 
samples had a low concentration of impurities. The permittivity decreased after poling for all 
samples. The largest decrease was observed for the samples annealed for 4 h. Several 
processes could have contributed to this decrease, including lower density of ferroelectric 
domain walls in poled samples (i.e., better orientation of dipoles along poling field direction), 
removal of residual ?-phase and general decrease of disorder in the system.51, 52 
 
 
Figure 8. Relative permittivity and losses as function of frequency of PVDF-TrFE films, as-
cast and annealed at 130°C for different times as indicated, before poling (bp) and after 
poling (ap). 
 
Figure 9 displays the influence of annealing at 130°C on the relative permittivity at 1 MHz of 
unpoled PVDF-TrFE during heating through the Curie transition. The increase of TC upon 
annealing was in agreement with the calorimetry data shown in Figure 3. The difference in TC 
between the first and second heating run for the non-annealed sample was probably due to 
annealing effects during the measurement. Note that the anomaly at 60°C observed during the 
? 20 
first heating run was not observed during the second heating run made on as-cast films. The 
TC decreased slightly during the second heating run made on the film annealed for 4 h. The 
likely reason for the decrease is that during the first heating the sample was heated to 150°C, 
close to the melting temperature, which may have removed some of the effects of the 4 h 
annealing. 
 
 
Figure 9. Relative permittivity at 1 MHz of unpoled PVDF-TrFE, as-cast and annealed 4 h at 
130°C, during a first and a second heating scans through the Curie transition.  
 
OXYGEN PERMEATION 
 
The influence of annealing at 130°C on the oxygen permeability (P) of PVDF-TrFE films at 
different temperatures is shown in Figure 10. The OTR of the as-cast, 20 ?m thick film at 
20°C was equal to 162 cm3 m-2 day-1 bar-1. The corresponding permeability was equal to 
66.2±8.8 10-16 cm3(STP) cm cm-2 s-1 Pa-1 (these units will be omitted in the rest of the text for 
convenience), and it increased almost ten-fold upon heating to 50°C. This value is very close 
to that reported for PVDF (63).32 
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Figure 10. Influence of annealing at 130°C on the oxygen permeability (P) of solvent cast 
PVDF-TrFE films as a function of (A) temperature and (B) annealing time. 
 
Annealing above TC markedly decreased the O2 permeability of PVDF-TrFE films and 
reduced its temperature dependence. For instance, annealing for 4 h decreased the 
permeability of the polymer more than ten-fold, down to 3.2 at 10°C and 7.1 at 20°C (i.e., the 
OTR of the 20 ?m thick film was equal to 15 and 33 cm3 m-2 day-1 bar-1 at 10°C and 20°C, 
respectively). These permeation values are comparable with those of other polar 
semicrystalline polymers.53 The relation between the permeation behavior and the change of 
crystallinity is discussed in the following section. 
 
Figure 11 shows the permeation data in Arrhenius coordinates. The linearity between Ln(P) 
and the inverse of the absolute temperature confirmed that the transport of oxygen in the 
copolymer was a thermally activated rate process. The activation energy was found to be 
equal to 58.2±0.9 kJ/mol for the as-cast polymer, a value which is rather high compared to 
other polymers, with activation energies for oxygen transport usually in the range of 
10 kJ/mol (silicone rubber) to 56 kJ/mol (polyvinyl chloride).54  
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Figure 11. Oxygen permeability (P) of solvent cast PVDF-TrFE films annealed at 130°C for 
different times as indicated as a function of the temperature in Arrhenius coordinates. The 
inset shows the activation energy Ea as function of the annealing time. 
 
In addition to the considerable decrease in permeation, a considerable change of the activation 
energy (i.e., the fundamental transport mechanism) became evident upon annealing. After 2 h, 
the activation energy dropped to an extremely low value of 2.4±0.7 kJ/mol. Permeation tests 
were repeated on a new series of solvent cast and annealed films and the same result was 
obtained. The reason behind this exceptional and anomalous property is discussed in the 
following section. After 4 h, the activation energy increased to 59.7±2.3 kJ/mol, i.e., back to 
the value as for the as-cast film. Again, this result was reproducible. Then, at longer annealing 
times, the activation energy decreased by a factor of two and stabilized to a value of 
approximately 32 kJ/mol. The latter activation energy is equal to that for 12 ?m thick semi-
crystalline polyethylene terephthalate films.55 
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DISCUSSION 
 
The influence of annealing of the crystalline structure and electric properties of the solvent 
cast PVDF-TrFE copolymer described in previous sections confirmed the main findings of a 
number of previous studies. The transition from the paraelectric ?-phase to the ferroelectric 
?-phase was characterized by a large temperature hysteresis and removal of a large part of 
crystalline defects, resulting in a relative proportion of polar ?-phase of 94% and a 
piezoelectric coefficient equal to 18 pC/N. The analysis of the oxygen barrier properties of the 
copolymer uncovered in the present work adds to the knowledge on such materials, although 
the huge changes in the activation energy for oxygen transport remain puzzling.  
 
Figure 12 shows the oxygen permeability of the copolymer as a function of the volume 
fraction of crystallites, Xv, calculated from the melting enthalpy data (Figure 3) as: 
 
  (3) 
 
where Xm is the crystallinity of the polymer (i.e., weight fraction) determined from the ratio of 
the measured melting enthalpy  (Figure 3) and the melting enthalpy of a PVDF-TrFE 
crystal . The latter was estimated as 100.6 J/g from a linear interpolation of the values 
for PVDF (104.5 J/g)56 and a 68–32 PVDF-TrFE copolymer (99.2 J/g)57. F(?) is the relative 
proportion of ?-phase, ? is the density of the copolymer (1.78 g/cm3), ?c is the density of the 
crystalline phase, calculated from the proportion F(?) (Figure 3) and the density of the ?-
phase crystals (1.99 g/cm3) and ?-phase crystals (1.90 g/cm3).58 
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Figure 12. Oxygen permeability P of PVDF-TrFE (normalized with respect to the 
permeability of the as-cast polymer, P0h) vs. volume fraction of crystals (Eq. 3). Dots: 
experimental data; lines: theoretical data for various models as indicated (a is the aspect 
ratio of the crystals).  
 
A number of factors may be invoked to explain the behavior shown in Figure 10, the first 
being crystallinity of the polymer. Crystallites are impermeable and thus reduce the overall 
solubility of the gas molecules in the polymer. Crystallites also act as obstacles and decrease 
the diffusivity of the molecules. Additional effects related to the immobilization of polymer 
chains from the amorphous phase at the surface of the crystallites may take place. These 
combined effects of reduced solubility and diffusivity lead to a non-linear dependence of 
permeability on Xv.59, 60 Several two-phase models of such dependence have been developed 
to following the initial model of Michaels and Bixler:61 
 
  (4) 
 
P = SD = SaDa (1? X v )
2
? f
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where D is the diffusivity, S is the solubility, subscript a stands for the amorphous phase, f is a 
chain immobilization factor and ? is the tortuosity. The factor f reflects the constraining effect 
of the crystallites on the amorphous chain segments. The tortuosity was related to the 
crystalline fraction through a geometric impedance factor ? = D/Da = ?/(1-Xv), which 
Michaels and Bixler related to the aspect ratio of the crystals. Similarly, the permeation of 
small molecules in polymer nanocomposites with clay particles has been described by several 
authors with explicit formulations of the geometric impedance factor (e.g. refs [62-65], as 
reviewed by Takahashi et al.66). The classic Nielsen62 (Eq. 5) and Cussler63 (Eq. 6) 
'nanocomposite' models have been used to analyze the permeation properties of polyethylene 
terephthalate31 and PVDF,58 respectively:  
 
 
 
 (5) 
  (6) 
 
where a is the aspect ratio of the crystallites. These two models are shown in Figure 12, for 
the two extreme cases of aspect ratio a = 1 and a = infinite. It is evident that both models 
largely underestimate the measured drop of permeability with increasing crystallinity. An 
alternative empirical approach was devised by Gedde and coworkers in the form of an 
exponential dependence for the diffusivity,67 rewritten in terms of relative permeability as: 
 
  (7) 
 
where b is an adjustable factor. This model also shown in the figure provides a reasonable fit 
to the experimental data (using b = 32.57). 
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An alternative phenomenon to the tortuous path should thus be invoked. The kinetic diameter 
of O2 is equal to 0.347 nm.68 This value turns out to be comparable with the average distance 
d between nearest-neighbor crystallites in the PVDF-TrFE owing to the nanometer 
dimensions of the crystallites. This distance d can be calculated as a function of the crystallite 
radius r using the model developed by Tewari et al.69 and assuming that crystallites are 
monodisperse spheres organized in the polymer into a three-dimensional uniform random 
spatial arrangement: 
 
  (7) 
 
where  is the distance between the cores of first nearest neighbor particles, K1 = 0.554, 
B1 = 1.062, and??cp = ?/?18 is the highest volume fraction for close-packed spheres. Eq. (7) 
shows that the average distance between neighbor crystallites very quickly drops with 
increasing fraction. For 7 nm radius crystallites (average size determined by XRD), the 
distance is equal to 3.23 nm for a volume fraction of 10%, decreases to 0.77 nm for a volume 
fraction of 30%, and becomes equal to the diameter of the oxygen molecule for a critical 
volume fraction of 47%. For 3.1 nm radius crystallites the critical fraction is equal to 30% 
(i.e., the fraction of crystals in the annealed samples). This simplified approach shows that, 
due to the nanometer dimensions of the crystallites, small changes in crystallite size and 
volume fraction may have a considerable influence on the transport of oxygen molecules 
within the polymer. It may also explain the apparent anomalous activation energy finding 
shown in Figure 11 due to a particular combination of size and fraction. In the present case, 
annealing for few hours at 130°C increased the fraction of crystallites with no detectable 
change in size. A fraction of these crystallites became close enough to block the transport of 
oxygen molecules. 
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The combination of piezo-electric properties and gas barrier performance is particularly 
relevant to develop novel self-sensing liner membranes for high-pressure gas storage vessels 
with reduced gas losses and improved safety both in dynamic mode (ultrafast response time in 
case of emergency such as impact) and in static mode (signal integration for storage and 
health monitoring). Adequate designs (such as protective coatings on the electrode facing the 
gas?and dedicated electrical equipment) would be required to avoid electrical problems and 
ensure protection against explosion in conformance to IEC/EN 60079-0 ff, due to charge 
accumulation on the piezoelectric liner surface under increasing pressure. A remaining 
challenge for such self-sensing high-pressure storage vessels would be to account for the 
possible change of piezo-electric behavior of the polymer due to sorption of gas molecules. 
 
CONCLUSIONS 
 
PVDF-TrFE copolymer films were prepared by solvent casting and subjected to annealing 
treatments at temperatures TC < T < Tm for periods of time up to 48 h. The analysis of the 
crystalline structure, mechanical, electrical and oxygen barrier properties led to the following 
conclusions.  
 
Annealing at 120°C (close to TC) led to a 10 K increase of TC within the first two hours owing 
to the removal of conformational defects, but did not change the Tm. The crystallinity initially 
decreased (a 10% relative drop) and then slowly increased (relative increase of 10% after 16 h 
of annealing). A significantly different behavior was observed upon annealing in the 
hexagonal phase, with similar rapid increase of TC at 130°C and 140°C (10 K after 2 h), a 
logarithmic increase in crystallinity (relative increase of 19% after 48 h at 130°C), a 
? 28 
progressive increase of Tm (4 K after 48 h at 130°C, or after 16 h at 140°C), and a 2 K 
decrease in the glass transition temperature. A crystalline phase transition from the 
paraelectric ?-phase to the ferroelectric ?-phase was evidenced during the cooling stage 
following annealing above TC, leading to a proportion of ?-phase of 94%. This phase change 
proceeded very rapidly owing to large difference in the free energy between the hexagonal 
phase and orthorhombic phase at TC. The elastic modulus was found to increase by more than 
three-fold and the loss peak at the glass transition was considerably reduced. The piezoelectric 
coefficient was found to increase by 40% and the dielectric properties were significantly 
changed.  
 
The most remarkable influence of annealing in the hexagonal phase was the ten-fold 
reduction of the oxygen permeability, with a drastic reduction of the activation energy for 
oxygen transport. The improvement in oxygen barrier properties of the annealed copolymer 
could not be explained using classic nanocomposite permeation models, and was attributed to 
the restricted mobility of oxygen molecules within the very tight, sub-nanometer spaces 
between the crystallites. 
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